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a b s t r a c t

The recrystallization and grain growth behaviour of IN718 alloy additively manufactured

by laser powder bed fusion (L-PBF) is presented herein. The effects of three different

temperatures (1050, 1150 and 1250 �C) and holding times (15, 45 and 90 min) were inves-

tigated. The texture evolution of the samples was recorded via electron backscatter

diffraction (EBSD). The as-built sample is composed of bowl-shaped melt pools, a

chessboard-like grain pattern and has a cube texture {100}<001>. Recrystallized grains were

observed in the samples treated at 1150 �C for 15 min, as well as the samples treated for

longer periods and at higher temperatures. Recrystallization was observed to start from

high dislocation density regions, including the overlapping melt pools and the borders of

the chessboard-like pattern. The initial cube texture transforms into a first-generation

cube-twin texture {122}<212> via a twinning-assisted recrystallization mechanism. Then,

those recrystallization nuclei sweep through the high defect density matrix; during which

almost no new twins are formed. The samples treated at 1250 �C are almost completely

recrystallized, which forms a weaker cube texture and a stronger P-orientation {011}<112>.

However, the growth of recrystallized grains is very limited due to the presence of non-

coherent precipitates.

© 2022 The Author(s). Published by Elsevier B.V. This is an open access article under the CC

BY license (http://creativecommons.org/licenses/by/4.0/).
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1. Introduction

Ni-based superalloys, the most extensively-developed super-

alloy family, have been widely used for aerospace and in-

dustrial applications over the past four decades for their

outstanding high-temperature mechanical properties [1,2].

IN718, developed by the Nickel Corporation in the 1950s,

possesses superior properties such as excellent oxidation and

corrosion resistance, good weldability and high-temperature

mechanical property stability up to 650 �C [3e5]. For this

reason, IN718 is used in the aerospace industry (i.e. aircraft

gas turbine disks, vanes, combustion chamber, rocket engine

parts), chemical and petrochemical industries (i.e. bolts,

valves, fans, tubing), nuclear power systems, marine archi-

tecture and pollution control equipment [6].

IN718 can have multiple phases shown in Table 1 depend-

ing on the elemental composition, heat-treatment conditions,

and solidification. IN718 is a precipitation-strengthened Ni-

based superalloy based on the austenite (g) matrix. The pri-

mary strengthening phase is body-centered tetragonal (BCT) g"

(Ni3Nb, D022) and the auxiliary strengthening phase is face-

centered cubic (FCC) g' (Ni3(Al, Ti), L12). These phases have a

coherent or semi-coherent particleematrix interface. The g" (a

coherent disc-like morphology with {100} habit plane) has

higher coherency strain and antiphase boundary (APB) energy,

so the strengthening effect of g" is greater than g' [7].

The metastable g" can transform into the stable orthorhombic

d phase (Ni3Nb, D0a) over a long period of exposure to high

temperatures (above 700 �C). d phase, Laves (brittle interme-

tallic compound) and MC carbide have incoherent

particleematrix interfaces. However, these phases can be

detrimental to the mechanical properties when they are

extremely coarse and acicular. On the other hand, the d phase

can also lead to grain refinement. The mechanical properties

can also be controlled by adjusting the size and distribution of

the IN718 phases [4,8].

Conventional manufacturing techniques such as casting,

wrought and powder metallurgy are used to produce IN718

and thesemethods provide reasonablemechanical properties.

However, the machining of IN718 is difficult due to its low

material removal rate and high shear strength. Additionally,

many industries, particularly the aerospace industry, require

highly complex geometries which are difficult to produce in a

single production step with conventional manufacturing

techniques [1,9]. For this reason, a more convenient

manufacturing technique is necessary to produce IN718

geometries.
Table 1 e Phases in IN718 (adapted from [7,26]).

Phase Crystal structure

gamma (g) FCC

gamma prime (g0) FCC (ordered L12)

gamma double-prime (g") BCT (ordered D022)

delta (d) Orthorhombic (ordered D0a)

Laves Hexagonal (C14)

metal carbide (MC) Cubic (B1)
Additive manufacturing (AM) techniques provide signifi-

cant advantages over conventionalmanufacturing techniques

such as greater design freedom, near-net-shape fabrication,

high material-use efficiency and alleviating the machining

difficulty resulting from conventional manufacturing tech-

niques [10,11]. The L-PBF process, also known as selective

laser melting (SLM), is a metal AM technique that uses a

focused laser beam to melt metal powder [12,13]. The pro-

duction mechanism of the L-PBF process is based on layer-by-

layer production according to the created CADmodel and was

explained in a detail in previous studies [14e17]. Furthermore,

the L-PBF process possesses a low buy-to-fly ratio, enabling

the manufacturing of complex geometries in a single pro-

duction step and often provides cost and time-saving advan-

tages over conventional manufacturing [8]. However, the high

cooling rate of the L-PBF process causes rapid solidification

leading to the formation of non-equilibrium phases such as

Laves and carbides, inhibition of the precipitation strength-

ening phases, and microsegregation of the refractory ele-

ments such as Nb and Mo and residual stresses. These can

decrease mechanical performance [18,19]. For this reason,

post-heat treatments are often used as a common practice to

dissolve detrimental phases (i.e. Laves), reduce possible re-

sidual stresses, and to optimize the microstructure and me-

chanical properties of the IN718 produced by the L-PBF [20].

Different post-heat treatments provide different micro-

structure and mechanical properties. These post-heat treat-

ments can be categorized as solution heat treatment (SHT)

improving mechanical properties by dissolving detrimental

phases, stress-relieve heat treatment reducing residual stress

and texture, aging (single or double) providing precipitation of

strengthening phases, homogenization reorienting columnar

grains and hot isostatic pressing (HIP) increasing density by

decreasing defects [6]. Thus, optimization of the post-heat

treatments is a significant step to obtain desired properties.

Recently, the effects of heat treatments on IN718 produced

with the L-PBF process have been investigated in several

studies [3,8,18e24].

In the literature, solution heat treatment was generally

performed with fast cooling (water quench or air cooling) for

the IN718 produced by the L-PBF. Although a few studies

[21,23e25] investigated solution heat treatment followed by

furnace cooling (FC), a detailed investigation of the effects of

FC during solution heat treatment on the IN718 produced by

the L-PBF is necessary to fill a gap in the literature. Moreover,

there are limited studies on the recrystallization and grain

growth kinetics of L-PBF manufactured IN718. In this work,

the influence of three different solution heat treatment
Chemical formula Solvus temperature (oC)

Ni 1227-1320 (solidus)

1260-1364 (liquidus)

Ni3(Al,Ti) 850-970

Ni3Nb 910-940

Ni3Nb 990-1020

(Ni, Cr, Fe)2(Nb, Ti) 1010-1160

(Nb, Ti)C 1260-1305
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temperatures (1050, 1150 and 1250 �C) and holding times (15,

45 and 90 min) followed by FC under argon atmosphere on

the recrystallization and grain growth behaviour of IN718

produced by the L-PBF was investigated. Microstructure and

grain examination of the samples was performed using

an optical microscope (OM), scanning electron microscope

(SEM) and EBSD. Texture evolution of the samples

was investigated using EBSD and microhardness values of

the samples were measured by the Vickers microhardness

test.
2. Materials and methods

2.1. Raw materials and L-PBF process parameters

Gas atomized IN718 powder with the particle size ranging

from 10 to 45 mmwas used for the L-PBF process. The chemical

composition of the IN718 powder and the standard specifica-

tion for Additive Manufacturing of Ni alloy (ASTM F3055-14a

[27]) are given in Table 2. In this study, ten IN718 cubes

(10� 10� 10mm3) were fabricated using SLM Solutions 280HL

machine with the identical process parameters shown in

Table 3. All of the IN718 cubeswere produced in the z direction

which is parallel to the build direction. Then, all IN718 cubes

were removed from the build plate using wire-EDM prior to

heat treatment.

2.2. Heat treatments

Before heat treatments, IN718 cubes were cleaned using

acetone and ethanol, respectively. Then, the cleaned and

dried IN718 cubes were placed into an atmosphere-controlled

horizontal tube furnace (Lenton Tube Furnace 1500� LTF 16) at

room temperature. After purging with high purity argon gas

for 5 min, solution heat treatment was carried out under high

purity argon gas flow at various temperature and holding

time combinations. Subsequently, samples were cooled

down to room temperature in the furnace under high purity

argon gas (cooling rate of 5 �C/min). Table 4 shows the sum-

mary of the solution heat treatments applied for the IN718

cubes.
Table 3 e L-PBF process parameters for the IN718 cubes.

Process Parameters Unit Value

Layer thickness mm 30

Preheating temperature oC 200

Beam diameter mm 85

Laser power W 200

Laser speed mm/s 945

Hatch distance mm 0.12

Stripe length mm 10

Starting angle o 45

Rotation angle o 90

Energy density (J/mm3) 59

Cubes were all fabricated using a (45, 90) scan pattern, which refers

to a 45� laser starting scan angle with respect to the cube x-axis

direction, and a 90� rotation angle per layer.

https://doi.org/10.1016/j.jmrt.2022.06.157
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Table 4 e Summary of the solution heat treatments
applied for IN718 cubes.

Description Temperature (oC) Holding time (min)

AB (as-built) None None

1050-15 1050 15

1050-45 1050 45

1050-90 1050 90

1150-15 1150 15

1150-45 1150 45

1150-90 1150 90

1250-15 1250 15

1250-45 1250 45

1250-90 1250 90

Furnace cooling (5
�
C/min) under argon atmosphere.

Fig. 1 e Schematic of Z and XY examination planes cut

from the IN718 cubes (BD: build direction).

j o u r n a l o f m a t e r i a l s r e s e a r c h and t e c hno l o g y 2 0 2 2 ; 1 9 : 4 2 4 2e4 2 5 7 4245
2.3. Materials characterization

For the metallographic examination, IN718 cubes were cut as

shown in Fig. 1 to examine both Z (parallel to the build di-

rection) and XY (perpendicular to the build direction) planes.

After that, the samples were mechanically ground using

conventional SiC grinding papers up to 1200 grit size, then

polished with progressively finer diamond suspensions (9, 3,

1 mm). The etching step was a challenge for this study.

Different etchants such as Waterless Kalling's were tried on

the samples. However, the Glyceregia reagent (15 ml HCl,

10 ml glycerol and 5 ml HNO3) provided the best result [28].

Although generally swabbing is recommended for the Glyc-

eregia reagent, it caused scratches for the solution heat-

treated samples. Also, the immersion method provided het-

erogeneous etched surfaces. Therefore, the etchant was

dropped on the samples using a pipette to obtain homoge-

neously etched surfaces. Microstructures of the AB and solu-

tion heat-treated samples were examined by OM (Nikon

Eclipse LV150) and SEM (ZEISS Merlin Scanning Electron Mi-

croscope). Additionally, EBSD analysis was carried out in the

ZEISS Merlin SEM using an acceleration voltage of 15 kV and

6.0 nA probe current. In addition to the above polishing steps,

an additional final polishing step was applied using 0.25 mm

fumed silica (OPeS) was applied before the EBSD analysis. The

mapping areas of 500 mm � 500 mm were indexed with a step

size of 1 mm. EBSD raw datawas post-processed using TSL OIM

Analysis™ software. Points with CI (confidence index) below

0.1 were removed and twin boundaries were excluded for

grain size calculations. The Vickers microhardness tests were

carried out for both Z and XY planes from 15 points for each

plane using Zwick/Roell Zhu microhardness tester 2.5 with a

load of 1 kg according to ASTM 384-17 [25].
3. Results

3.1. Microstructure and hardness in the AB condition

Fig. 2 shows the microstructure of the AB sample. Optical

micrographs of the Z and XY planes are shown in Fig. 2(a, b),

respectively. Similar to other studies [15,21,29,30], bowl-

shaped melt pools (Z plane) resulting from the Gaussian
energy distribution of the laser beam and laser scanning paths

line by line (XY plane) were observed in the AB sample. The

columnar dendritic microstructure, the columnar grains with

cellular structure and very fine dendrites are the typical

microstructure of IN718 produced by the L-PBF and the melt

pool boundary indicated with a white dashed line are dis-

played in Fig. 2(c). The magnified SEM images exhibit

columnar and cellular substructures with an average spacing

of 477 ± 171 nm and 581 ± 125 nm, respectively. Additionally,

the brittle Laves phase which should be dissolved with solu-

tion heat treatment and g matrix can be observed in the

magnified SEM images indicated by red arrows. Although the

overall heat flow direction is almost parallel to the building

direction, the columnar dendrites have different grain growth

directions resulting from complicated temperature fields in

the melt pool [15].

The grain morphologies of the Z and XY planes can be

clearly seen in the inverse pole figure (IPF) maps displayed in

Fig. 2(d, e) and image quality and grain boundaries (IQ & GBs)

maps shown in Fig. 2(f, g). The Z plane contains mainly

elongated grains which are parallel to the build direction. On

the other hand, the XY plane contains a chessboard-like grain

pattern due to the scanning strategy (45� starting angle with

90� rotation angle between layers). Additionally, the area-

weighted average grain size values were obtained from EBSD

and the grain size values are 24.2 ± 5.8 mm and 13.3 ± 3.9 mm

which are similar to those reported in the literature [31,32] for

the Z and XY planes, respectively (Table 5 and Fig. 3(a)).

The kernel average misorientation (KAM) maps of the Z

and XY planes are displayed in Fig. 2(h) and (i), respectively.

KAM can be defined as the measure of the local grain

misorientation and the KAM map displays the average

misorientation of each pixel with respect to its neighbours. In

general, high KAM values represent high plastic strain and

dislocation density [33,34]. The KAM maps are labelled with a

rainbow scale; where blue and red represent the minimum

and maximum misorientation (0-5�), respectively. The over-

lapping regions have a higher KAM value compared to inside

of themelt pools shown in Fig. 2(h) and the KAM value of the Z

https://doi.org/10.1016/j.jmrt.2022.06.157
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Fig. 2 e (aeb) Optical micrographs, (c) SEM image, (dee) IPF maps, (feg) IQ and GBs maps, (hei) KAM maps and (jek) GOS

maps of the AB sample. Z plane (parallel to build direction) and XY planes (perpendicular to build direction) are indicated

with an arrow and a dot, respectively.
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plane is 0.99� (Table 6). Furthermore, the KAM value of the XY

plane is 1.19� shown in Table 6 and the borders have a higher

KAM value compared to the center of the chessboard-like
pattern as shown in Fig. 2(i). This finding is consistent with

the study of Aota et al. [35] who reported that the coarse grains

are located at the center of the chessboard-like pattern having

https://doi.org/10.1016/j.jmrt.2022.06.157
https://doi.org/10.1016/j.jmrt.2022.06.157


Table 5 e The average hardness and grain size values of
the AB and solution heat-treated samples.

Sample Hardness (HV1) Average grain size
(mm)

Z plane XY plane Z plane XY plane

AB 327.1 ± 4.6 323.5 ± 7.4 24.2 ± 5.8 13.3 ± 3.9

1050-15 394.9 ± 4.9 400.3 ± 7.2 20.5 ± 5.7 13.1 ± 3.8

1050-45 399.8 ± 6.2 399.8 ± 7.8 19.5 ± 5.7 14.5 ± 4.1

1050-90 397.2 ± 6.3 395 ± 4.3 21.1 ± 5.8 13.4 ± 3.9

1150-15 401.6 ± 3.3 398.4 ± 5.3 21.6 ± 6.2 14.1 ± 4.1

1150-45 414.1 ± 6.5 414.9 ± 6.2 46.2 ± 10.0 41.3 ± 9.4

1150-90 411.7 ± 8.4 417.1 ± 7.5 35.8 ± 9.0 39.8 ± 9.5

1250-15 415.7 ± 4.4 426.3 ± 6.2 45.9 ± 13.3 60.1 ± 19.8

1250-45 414.7 ± 5.4 420.3 ± 8.2 50.8 ± 14.6 63.4 ± 21.4

1250-90 409.4 ± 6.2 418.4 ± 6.0 58.7 ± 18.1 63.2 ± 19.7
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a lower KAM value and the borders of the chessboard-like

pattern contain the fine grains having a higher KAM value.

Additionally, the number fraction versus the KAM graph is

shown in Fig. 3(b).

The high cooling rate during solidification causes local

strain inhomogeneity and accordingly a high dislocation

density. The internal plastic strain gradients cause the

geometrically necessary dislocations (GND). Thus, a high GND

density indicates high plastic strain gradients [35]. Fig. 3(c)

shows the number fraction versus the GND density graph. The

average GND densities of the Z and XY planes are 28.61 and

36.33 shown in Table 6, respectively. The grain orientation

spread (GOS) can be defined as the average of the
Fig. 3 e (a) Grain size, (b) KAM, (c) GND density and (d) misorienta

samples.
misorientation angles to the grain mean orientation [33]. The

GOS maps labelled with a rainbow scale and blue and red

colours show minimum and maximum GOS angles. A similar

trend with the KAM was observed for the GOS of Z and XY

planes. The columnar grain regions have a higher GOS value

compared to inside of themelt pools shown in Fig. 2(j) and the

borders have a higher GOS value compared to the center of the

chessboard-like pattern as shown in Fig. 2(k). The correlated

number fraction versus misorientation angle graph is dis-

played in Fig. 3(d). The yellow line shows the Mackenzie dis-

tribution for randomly oriented cubic polycrystals. The

misorientation distribution of the AB sample shows the pre-

dominance of low angle grain boundaries (<10�) having more

substructure and dislocation density [36].

The hardness values of the Z andXY planesweremeasured

as 327.1 ± 4.6 HV and 323.5 ± 7.4 HV respectively (see Table 5).

Similar hardness values were reported in the review article of

Sanchez et al. [6].

3.2. Microstructure and hardness in the solution heat-
treated condition

The applied solution heat treatments in this study are dis-

played in Table 4. Optical micrographs of the solution heat-

treated samples in different conditions show the microstruc-

tural evolution according to the solution heat treatment

temperature and holding time (Fig. 4). There is no significant

difference among the microstructures of the 1050-15, 1050-45,

1050-90 and 1150-15 samples and the bowl-shaped melt pools
tion angle distributions of the AB and solution heat-treated

https://doi.org/10.1016/j.jmrt.2022.06.157
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Table 6 e The kernel average misorientation (KAM), geometrically necessary dislocation density (GND), recrystallization
fraction values of the AB and solution heat-treated samples.

Sample KAM (o) GND density Recrystallization Fraction

Z plane XY plane Z plane XY plane

AB 0.99 ± 0.58 1.19 ± 0.66 28.61 36.34 0.24

1050-15 0.93 ± 0.58 1.16 ± 0.66 27.74 34.66 0.31

1050-45 0.99 ± 0.58 1.12 ± 0.64 29.15 34.07 0.34

1050-90 1.02 ± 0.58 1.15 ± 0.63 31.22 35.21 0.42

1150-15 0.98 ± 0.56 1.08 ± 0.62 28.15 31.53 0.31

1150-45 0.42 ± 0.38 0.40 ± 0.37 13.10 11.05 0.76

1150-90 0.45 ± 0.36 0.41 ± 0.37 14.60 11.15 0.82

1250-15 0.35 ± 0.28 0.26 ± 0.21 11.81 6.53 0.90

1250-45 0.28 ± 0.20 0.29 ± 0.20 5.33 6.67 0.92

1250-90 0.30 ± 0.19 0.27 ± 0.16 6.05 5.97 0.96
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and scanning paths are still visible (Fig. 4(a-d)). The first

recrystallized grains indicated by the red dashed lines were

observed in the 1150-15 sample (Fig. 4(d)). Therefore, 1150 �C
for 15 min can be accepted as starting of the recrystallization

in this study. On the other hand, there is a significant differ-

ence in themicrostructure of the 1150-45 sample compared to

the previous samples and twin boundaries with the recrys-

tallized grains can be clearly seen in Fig. 4(e). For this reason,

the recrystallization start temperature can be accepted as

1150 �C for IN718 produced by the L-PBF in this study. Addi-

tionally, the area-weighted average grain size values are

similar up to 1150-15 sample; however, two times increment

in grain size was observed for the 1150-45 sample having 46.2

± 10 mm and 41.3 ± 9.4 mm area-weighted average grain size

values for the Z and XY planes, respectively (see Table 5 and

Fig. 3(a)). Furthermore, the grain growth followed the trend of

increased recrystallization with the solution heat treatment

temperature increment (see Fig. 4(f-i) and Table 5).

Fig. 5 shows the SEM images of the 1050-45, 1150-15, 1150-

45 and 1250-45 samples. All of the samples have precipitates
Fig. 4 e Optical micrographs of the solution heat-treatment con

1050 �C for 90 min, (d) 1150 �C for 15 min, (e) 1150 �C for 45 min

45 min and (i) 1250 �C for 90 min. Z plane and XY plane are sh
which can be MC carbide, d phase (needle-like precipitates at

the grain boundaries) and Laves at the grain boundaries

(Fig. 5(a-d)). Additionally, the high magnified SEM images

indicated by red dashed lines display the strengthening pre-

cipitate phases (g" and g0) which precipitate during the slow

cooling. However, transmission electron microscopy (TEM) is

required to better understand how the precipitated phases

formed according to the solution temperature and time.

EBSD maps of the Z and XY planes of 1050-45, 1150-15,

1150-45 and 1250-45 samples are shown in Figs. 6 and 7,

respectively. As it was observed in the optical micrographs

(Fig. 4), the grain morphologies of the 1050-45 and 1150-15

samples are similar for both Z and XY planes and it can be

seen in both IPF maps (Fig. 6(a, b)) as well as IQ & GBs maps

(Fig. 7(a, b)). On the other hand, the microstructural change in

the 1150-45 sample, along with the mostly recrystallized

grains also mentioned above section can be clearly seen in

Figs. 6(c) and 7(c) for both Z and XY planes. Twin boundaries

indicated by the red lines in IQ & GBs maps were firstly

observed in the 1150-45 sample (Figs. 6(c) and 7(c)). Twin
ditions, (a) 1050 �C for 15 min, (b) 1050 �C for 45 min, (c)

, (f) 1150 �C for 90 min, (g) 1250 �C for 15 min, (h) 1250 �C for

own with an arrow and a dot, respectively.
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Fig. 5 e SEM images of the solution heat-treated samples at (a) 1050 �C for 45 min, (b) 1150 �C for 15 min, (c) 1150 �C for

45 min and (d) 1250 �C for 45 min; the red dashed lines represent first recrystallized grains.
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boundaries can be called as coherent twin boundaries (S3) and

twin-related grain boundaries (S9 and S27), are special

boundaries and they can contribute to the material strength

and resistance to intergranular degradation [37,38]. The twin

boundary fractions are 0.366 (at 60� on (111)) and 0.026 (at 38.9�

on (110)) for the Z plane and 0.377 (at 60� on (111)) and 0.023 (at

38.9� on (110)) for the XY plane. Moreover, twin boundaries are

also visible in the optical micrographs (Fig. 4(e)). Additionally,

the twin boundaries were observed in the 1250-45 sample

(Figs. 4(h), 6(d) and 7(d)). The twin boundary fractions are 0.509

(at 60� on (111)) and 0.026 (at 38.9� on (110)) for the Z plane and

0.503 (at 60� on (111)) and 0.026 (at 38.9� on (110)) for the XY

plane. It can be said that the twin boundary fraction increased

with the increment of solution heat treatment temperature.

As it was explained in section 3.1., the overlapping regions

and the borders of the chessboard-like pattern have a higher
KAM value due to the higher dislocation density [35]. There is

no significant difference in the AB, 1050-45 and 1150-15 sam-

ples in terms of the KAM values shown in Table 6 and Fig. 3(b).

However, there is about 57% decrease in the KAM value of the

1150-45 sample (Table 6 and Fig. 3(b)) due to the recrystalli-

zation. The blue regions which are on the KAM maps of the

1150-45 sample (Figs. 6(c) and 7(c)) can be called as recrystal-

lized grains. Additionally, as it was expected, the KAM value

decreased with the increment of solution heat treatment

temperature (Table 6 and Fig. 3(b)). Furthermore, the 1250-45

sample has more recrystallized grains compared to the 1150-

45 sample (Figs. 6(d) and 7(d)). On the other hand, the average

GND density values (Table 6) reduced with the recrystalliza-

tion. The 1150-45 sample has about 54% less GND density and

the 1250-45 sample has about 81% less GND density compared

to the AB, 1050-45 and 1150-15 samples. Moreover, the
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Fig. 6 e EBSD maps of the solution heat-treated samples; (a) 1050-45, (b) 1150-15, (c) 1150-45 and (d) 1250-45. Z plane

(parallel to build direction) is indicated with an arrow.
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recrystallization and grain growth can be seen in the GOS

maps shown in Fig. 6(a-d) and 7(a-d) for the 1150-45 and 1250-

45 samples. Additionally, the misorientation angle graphs of

the 1150-45 and 1250-45 samples (Fig. 3(d)) approach to the

Mackenzie distribution and also there is a second peak at 60�

for the 1150-45 and 1250-45 samples.
The hardness values of the Z and XY planes of the samples

are given in Table 5. In contrast to the AB sample, higher

hardness values were obtained in the solution heat-treated

samples due to precipitated phases during the slow cooling.

Moreover, there was no significant difference in the hardness

values of the Z and XY planes of the samples. The 1150-45 and
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Fig. 7 e EBSD maps of the solution heat-treated samples; (a) 1050-45, (b) 1150-15, (c) 1150-45 and (d) 1250-45. XY plane

(perpendicular to build direction) is indicated with a dot.
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1250-45 samples have higher hardness values (around 414 HV

for the Z plane) than the 1050-45 and 1150-15 samples.

3.3. Texture in the AB and solution heat-treated
conditions

The texture of the samples was examined by using the EBSD

technique. Fig. 8 shows the PF and IPF maps, only the corre-

sponding {001} PF and [001] IPF were represented, of the AB,
1050-45, 1150-15, 1150-45 and 1250-45 samples. The maps

belong to the Z plane which is parallel to the BD (build direc-

tion) of the samples. During the solidification from the liquid

phase to the solid phase, the atoms prefer to move to the less

close-packed planes and the grain growth direction occurs

along <100> for FCC metals. For this reason, the typical so-

lidification texture is well known as <100>//BD for the cubic

materials because the grain growth occurs faster for the grains

which have the <100> directions//the temperature gradient

https://doi.org/10.1016/j.jmrt.2022.06.157
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Fig. 8 e Pole figure (PF) and inverse pole figure (IPF) maps with respect to build direction of (a) AB, (b) 1050-45, (c) 1150-15, (d)

1150-45 and (e) 1250-45 samples.
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during the solidification. Moreover, the typical cube texture is

represented as {001}//<100> [33].

The texture was observed in the middle and four edges of

the {001} PF map of the AB sample with the maximum in-

tensity value of 6.159 (Fig. 8(a)) and this texture is a typical

example for the cube texture. Moreover, the IPF map of the AB

sample shows the <001>//BD texture component with the
maximum intensity value of 4.372. It can be said that the AB

sample has the {001}//<001> cube texture.

The PF and IPF maps of the 1050-45 and 1150-15 samples

are shown in Fig. 8(b, c). When we compare the PF and IPF

maps of these samples with the AB sample, there is no sig-

nificant difference except similar intensity value differences

and these samples also have the {001}//<001> Cube texture.
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Indeed, it was expected for these samples because there was

no significant difference in the microstructure, grain size,

KAM, GND density and misorientation angle compared to the

AB sample. On the other hand, the texture of the 1150-45

sample changed compared to the previous samples (Fig. 8(d)).

This sample exhibits first generation cube twin texture {122}

<212>. The 1250-45 sample shows aweaker cube texture and a

more intense P-orientation {011}<122>.
4. Discussions

4.1. Microstructural and texture evolution of the AB
sample

The growth process of the sub-structures during the L-PBF

process was well explained in the study of Li et al. [19]. The

nature of the L-PBF process provides rapid cooling and non-

equilibrium solidification. The solidification microstructure

is affected by the solidification rate (R), undercooling (DT), and

temperature gradient (G), along with the process parameters

of L-PBF. The structure size and morphology of solidification

microstructure (planar, cellular, equiaxed dendritic, or

columnar dendritic) are determined by GR and G/R, respec-

tively. For example, the low cooling rates provide coarser

structures (GR), whereas the finer structures can be obtained

by increasing the cooling rate (GR). On the other hand,

reducing the G/R ratio can give the planar, cellular, equiaxed

dendritic, or columnar dendritic solidification microstructure

[13,25,39]. The columnar dendritic and cellular microstructure

was observed in this study (Fig. 2(c)).

The solidification sequence of IN718 is well established as

follows: Liquid / g / g þ MC / g þ MC þ Laves [40]. The

segregation of Nb in the inter-dendritic regions is inevitable

due to its partitioning behaviour during the solidification of

IN718. Deng et al. [29] reported that the cooling rate affects the

segregation of Nb and the size of Laves phase, which can be

significantlyminimized by increasing the cooling rate. Indeed,

the low amount and size of Nb precipitates can be obtained

with the L-PBF process compared to casting due to rapid

cooling [4]. According to the study of Tucho et al. [3], Laves

phase, NbC and TiC can be observed in the sub-grain bound-

aries of the as-printed IN718. Although the main reason for

these precipitates is the microsegregation Nb, Mo and Ti also

segregate during the solidification. Additionally, Laves phase

requires at least 10 wt.% Nb to form and it is well known that

most of the segregated Nb are consumed by Laves phase [20].

In our study, Laves phase is clear in the AB sample (Fig. 2 (c)).

Moreover, Laves is a brittle intermetallic phase and degrades

the high-temperature tensile properties [8].

The combined effects of both the maximum heat flow di-

rections and the alignment of easy grain growth directions at

the melt pool boundaries determine the texture [30]. The

preferred grain growth direction is < 100> along the heat-flow

direction for the FCC crystal structure because atoms can

move faster to the less close-packed planes [33]. The heat flow

direction and the balance between G and R can be locally

changed by altering the process parameters of the L-PBF (i.e.,

scanning strategy and energy density). Thus, the texture and

microstructure can be modified [31]. Moreover, The cube
texture {001}//<100> also observed in our study (Fig. 8(a)) was

reported in the studies on IN718 produced by the L-PBF

[6,30,31,41]. Additionally, when the heat flow direction is not

parallel to the BD, weak <100>//BD and <110>//BD textures

also can be observed in the FCC crystal structure [30]. Gokce-

kaya et al. [31] reported the unique crystallographic texture

formation for IN718 produced by the L-PBFwith a bidirectional

scanning strategy. According to their study, a crystallographic

lamellar microstructure (composed of <110>//BD-oriented

main grains and <100>//BD-oriented sub-grains), a <110>//
BD-oriented single crystal-like microstructure, and poly-

crystalline microstructure were obtained by changing the

scan speed and laser power.

4.2. Microstructural and texture evolution of the
solution heat-treated samples

The effects of the solution heat treatment temperature and

holding time on IN718 produced by the L-PBF were given in

section 3. There is no significant difference in the optical mi-

crographs of 1050-15, 1050-45, 1050-90 and 1150-15 samples

compared to the AB sample (Fig. 4(a-c)) in terms of micro-

structure. Also, the area-weighted average grain size, KAM

and GND density values of these samples are close to the AB

sample. Although the microstructure of the 1150-15 sample is

similar to the AB sample, the first recrystallized grains were

observed in the 1150-15 sample (Fig. 4(d)). Tucho et al. [3] re-

ported 1100 �C as recrystallization start temperature which is

reasonably consistent with the recrystallization start tem-

perature found in this work (1150 �C). Moreover, recrystalli-

zation fraction and grain size diameter versus time graphs

and also twin density versus grain size diameter graphs are

shown in Fig. 9(a, b).

On the other hand, a significant microstructural difference

was observed in the 1150-45 sample compared to the previous

samples. Recrystallization was observed in the 1150-45 sam-

ple, although it was not completed. Additionally, twins which

are a sign of recrystallization, along with 87.3% grain size

increment were observed in the 1150-45 sample. As it was

discussed before, the overlapping regions and the borders of

the chessboard-like pattern have a higher KAM value due to

the higher dislocation density. Therefore, the first recrystal-

lized grains should be the grains that are in the overlapping

regions and the boards of the chessboard-like pattern. This

was clearly observed in the KAM map of the XY plane of the

1150-45 sample (Fig. 7(c)) and the blue regions are strain-free

recrystallized grains. Furthermore, the GND density reduced

54% in the 1150-45 sample due to recrystallization. When we

looked at the 1250-45 sample, near-complete recrystallization

(92%) with the grain coarsening was observed. The grain size

increment is around 118% compared to the AB sample.Most of

the grains are strain-free recrystallized grains (Figs. 6(d) and

7(d)) and the average GND density reduced 81% in the 1250-

45 sample compared to the AB sample. The coarsened grains

in the 1150-45 and 1250-45 samples can be seen in the GOS

maps (Figs. 6(c, d) and 7(c, d)). Moreover, there is a 39%

increment of the twin boundary fraction compared to the

1150-45 sample. Jin et al. [42] reported that the density of

annealing twins is inversely proportional to the grain size.

Fig. 9(c) shows the twin boundary length per 500� 500-micron
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Fig. 9 e (a) Recrystallization fraction versus time, (b) grain

size diameter versus time and (c) twin density versus grain

size diameter graphs.
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square area versus grain size graph. The misorientation angle

of 60� (observed in the 1150-45 and 1250-45 samples) corre-

sponds to one of coincident site lattice (CSL) type of bound-

aries, namely the S3, which can also be identified as coherent

twin boundary. The results shown at Fig. 9 (c) agrees well with

this study [40]. Both studies indicate that, almost no new

twins are formed during grain growth. Moreover, as seen in

Fig. 6(c) (IQ & GBs maps), the twins are mostly located at the

grain edges next to non-recrystallized regions, rather than

grain interiors. The same behaviour is observed in
recrystallization of additively manufactured AISI 316 stainless

steel samples reported by Aota et al. [35]. This behaviour was

attributed to growth accident model, at which stacking faults

are formed along a moving boundary, resulting in two

different twin boundaries. One of them is an immobile,

coherent twin boundary which is left behind, and the other is

less coherent and highly mobile boundary that consumes the

high defect density matrix [43e45].

There is a significant difference between the AB sample

and solution heat-treated samples in terms of phases shown

in SEM images (Fig. 2(c) and Fig. 5) and the FC (5
�
C/min) can be

shown as a reason for this difference. The precipitated phases

were observed at both matrix and grain boundaries of the

solution heat-treated samples (Fig. 5). The precipitation of g"

and g0 strengthening phases is possible in the range of

600e900 �C during double aging treatment [19]. During FC, the

cooling from900 �C to 600 �C took 60minwhich is enough time

for the precipitation of g" and g0 strengthening phases [21]. In

this study, the disk-like precipitates which are in thematrix of

the solution heat-treated samples can be g" shown in high

magnified SEM images, which is consistent with the study of

Huang et al. [21]. The slow coolingmay cause the precipitation

of d phase, brittle Laves and the strengthening phases (g" and

g0) according to the TTT [46] and CCT [25] curves. Moreover, at

least 6e8 wt.% Nb is required for the d phase and the meta-

stable g" can transform into a stable d phase at temperatures

between 700 and 1010 �C [3,25,47]. Generally, the d phase

which precipitates at the grain boundaries during heat treat-

ment is considered an undesirable phase due to the adverse

effects on the fracture toughness and ductility. On the other

hand, it can be beneficial due to the increment stress rupture

resistance and grain stabilization effects. The needle-like

d phase which inhibits micro-cracks and granular-shaped

d phase which acts as a pin between grain boundaries can

be seen in the literature [48]. In this study, the needle-like

d phase was observed at the grain boundaries of the solution

heat-treated samples. The local stress concentration, dislo-

cation pile-up and premature failure can be due to too much

d phase along the grain boundaries whereas high-temperature

strength are reduced due to the lack of the d phase [48,49].

High-temperature strength can be achievedwhen the amount

of d phase is about 4% [8]. As it was discussed, the grain growth

can be controlled by the d phase at high temperatures. In

addition to the d phase, the grain boundary migration can be

inhibited by MC carbides. However, they can cause inter-

granular cracking when they precipitate at the grain bound-

aries [47]. MC carbides were observed at the grain boundaries

shown in Fig. 5 and MC carbide coarsening can be seen due to

diffusion of Nb from dissolved Laves. Additionally, the brittle

Laves should be dissolved to release Nb and Ti elements with

the solution heat treatment. Thus,more strengthening phases

can be obtained during the subsequent aging treatment [19].

The average hardness values of the solution heat-treated

samples increased compared to the AB sample while the

area-weighted average grain size values were similar. The

precipitated d phase and strengthening phases (g" and g0) can
be shown as a reason for this. Huang et al. [21] investigated the

effect of solution temperature, time and cooling rate on the

IN718 produced by the L-PBF. They did solution heat treat-

ment at 1080 �C for 45 min followed by FC. Their findings are
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consistent with the current study. They concluded that the

strengthening phases precipitating during FC is relatively

small compared to aging. Although these phases increase

tensile strength, theywill enlarge during the subsequent aging

process. Therefore, the strengthening effect will be weakened.

Moreover, Tucho et al. [3] reported that 1100 �C for 1 h is not

enough to dissolve undesired phases to achieve a complete

recrystallization during solution heat treatment. Also, tiny

Laves precipitates were found at 1250 �C in their study. It can

be assumed that the solution heat-treated samples may have

the residual Laves phase in this study. Recently, Gruber et al.

[24] reported stress-relief heat treatments at 1065 �C for 1.5 h

and 1150 �C for 6 h with FC (6
�
C/min). They indicated that

most of the grains were non-recrystallized, along with inter-

cellular microsegregation at 1065 �C for 1.5 h. However, they

reported complete dissolution of all secondary phases except

coarsened primary carbides, along with reduced the macro-

and micro-residual stresses at 1150 �C for 6 h. This result

differs from our finding because we observed the d phase at

the grain boundaries of the 1150-45 sample. Additionally,

Kouraytem et al. [23] carried out recrystallization heat treat-

ment at 1250 �C for 1 h with FC (10.4
�
C/min). They observed

the d phase and MC carbide at the grain boundaries and

strengthening phases (g" and g0) in the matrix, along with

dissolving Laves phase into the matrix. The results of the

1250-45 sample are similar to this study.

In addition to the L-PBF process parameters (discussed in

section 4.1.), the texture or crystal orientation can also change

with the recrystallization which involves recovery and growth

of new grains by the migration of high-angle grain boundary.

The as built sample has an intense Cube texture {001}//<100>,
which is a typical solidification texture for as-built additively

manufactured materials with cubic crystal structure. This

inherited cube texture is still intense in 1050-15, 1050-45 and

1150-15 samples. The recrystallization fraction does not

change significantly for those samples (Table 6); also there is

no significant difference in terms of microstructure, grain

size, KAM distribution and GND density compared to the AB

sample. The 1150-45 sample shows significant reduction in

GND density, slight increase in grain size and this sample is

76% recrystallized. The crystallographic texture of 1150-45

sample also changes significantly, the most intense texture

component is no longer the cube component, but the first

generation cube twin texture {122}<212> becomes intense.

This texture component forms due to formation annealing

twins and has an <111>60� orientation relationship with the

cube texture component. Fig. 9 (c) also shows that the highest

twin density is present in 1150-45 sample and this is also

evident in EBSDmaps showing twin boundaries (Figs. 6(c) and

7(c)). The crystallographic texture also proves the twinning-

assisted recrystallization mechanism, which is also seen in

L-PBF produced AISI 316 L samples [33]. The recrystallization

nuclei then sweep through the high defect densitymatrix. The

samples treated at 1250 �C are almost completely recrystal-

lized. This recrystallization forms a weaker cube texture and

much stronger P-orientation, namely {011}<112>, which is

typical for FCC materials with intermediate levels of stacking

fault energy (SFE). At 1250 �C, the growth of recrystallized

grains is very limited, due to the formation of non-coherent

precipitates.
5. Conclusions

In this study, the effects of solution heat treatment followed

by FC (5 �C/min) with different temperatures (1050, 1150,

1250 �C) and holding times (15, 45, 90 min) were investigated.

This study aimed to fill the gap in the literature about the ef-

fects of slow cooling during solution heat treatment on the

microstructure and texture and hardness of IN718 produced

by the L-PBF, alongwith the recrystallization and grain growth

kinetics. The main findings can be summarized as follows:

1) The bowl-shaped melt pools and chessboard-like grain

pattern, along with the area-weighted average grain size,

KAM and GND density values remained unchanged up to

the 1150-15 sample. Although the first recrystallized grains

were observed in the 1150-15 sample, a significant micro-

structural change was observed in the 1150-45 sample. It

can be estimated that 1150 �C and 45 min are threshold

values for recrystallization temperature and holding time,

respectively. The twin boundaries, along with 87.3% grain

size increment compared to the AB sample, were observed

in the 1150-45 sample. Additionally, the recrystallization

was almost completed in the 1250-45 sample, along with

118% grain size increment compared to the AB sample.

Moreover, a 39% increment of the twin boundary fraction

in the 1250-45 sample compared to the 1150-45 sample.

2) Recrystallization started from the high dislocation density

regions such as overlapping regions and the borders of the

chessboard-like pattern, and the average GND density

values reduced 54% for the 1150-45 sample and 81% for the

1250-45 sample. Most of the residual stresses occurred

during the L-PBF process can be reduced with the solution

heat treatment temperature of 1250 �C. Moreover, the

recrystallization fractions of the 1150-45 and 1250-45

samples were calculated as 0.76 and 0.92, respectively.

3) The d phase, the strengthening phases (g" and g0) and MC

carbides were observed in the solution heat-treated sam-

ples due to the FC (5 �C/min). Also, these samples may

have brittle residual Laves phase.

4) The microhardness of the solution heat-treated samples

increased around 20.5e26.6% compared to the AB sample

due to the precipitated phases during FC. Therefore, this

must be considered for postprocessing operations as

higher hardness may induce machining challenges.

5) The as-built sample exhibits cube texture {001}<100>,
which transforms into first generation cube-twin texture

{122}<212> due to twinning-assisted recrystallization

mechanism. Almost no new twins are formed during

growth stage, therefore other recrystallization texture

components, cube and P-component, both of which are

typical for FCCmaterials with intermediate SFE are formed.
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